In the current work, the microstructure and fracture performance of carbon fibre-reinforced polymer (CFRP) composites based upon matrices of an anhydride-cured epoxy resin (formulated with a reactive diluent), and containing silica nanoparticles and/or polysiloxane core-shell rubber (CSR) nanoparticles, were investigated. Double cantilever beam tests were performed in order to determine the interlaminar fracture energy of the CFRP composites, while the single-edge-notched bend specimen was employed to evaluate the fracture energy of the bulk polymers. The fracture energy of the bulk epoxy polymers increased from 173 J/m 2 for the unmodified polymer to a maximum of 1237 J/ m 2 with the addition of 16 wt% of CSR nanoparticles. The toughening mechanisms were identified as (a) localised plastic shear yielding and (b) cavitation of the CSR particles followed by plastic void growth of the matrix. The steady-state propagation value of the interlaminar fracture energy of the CFRP composites increased with increasing nanoparticle concentration, from 1246 J/m 2 for the unmodified epoxy matrix to a maximum of 1851 J/m 2 with 4 wt% of silica nanoparticles and 8 wt% of CSR nanoparticles. Crack growth in the CFRP composites was dominated by fibre-bridging toughening mechanisms. The efficiency of the transfer of toughness from the bulk polymers to the carbon fibre composites was considered. The measured fracture energy of both bulk and composite materials decreased at a test temperature of -80°C, compared with room temperature, i.e. 20°C. Nevertheless, the toughening effects of both the silica and CSR nanoparticles on the bulk epoxy polymers and the CFRP composites, compared with the unmodified epoxy polymers, were still evident even at the lower temperature. Indeed, the toughening effect of the silica nanoparticles was greater at -80°C than at room temperature.
Introduction
Epoxy polymers find uses as adhesives and as the reinforcing matrix in high performance fibre composite materials. The highly crosslinked epoxy thermoset polymer possesses good temperature resistance and low creep properties. However, the relatively high degree of crosslinking also means that such polymers are inherently brittle. This may greatly limit their structural utility as engineering materials. The toughness of epoxy polymers can be improved by a number of means, e.g. plasticisation of the polymer [1] , creation of an inter-penetrating network (IPN) [2] and the introduction of a second, well-dispersed, minority phase of either soft rubbery particles [3] [4] [5] or rigid inorganic particles [6] [7] [8] . More recently, experimental details on toughening with other materials have also emerged, such as by the addition of block copolymers [9] [10] [11] , graphene and derivative materials [12] and carbon nanotubes [13, 14] .
Rubber particles are the most commonly used, and generally effective, modifiers for toughening epoxy polymers. Both phase-separating reactive liquid rubbers [4, 15] and preformed core-shell rubber (CSR) particles have been used [16] [17] [18] [19] [20] . The toughening mechanisms in both cases have been previously identified as a combination of (a) plastic shearbanding in the epoxy polymer, and (b) particle cavitation and subsequent plastic void growth of the epoxy polymer [4, 5, 21, 22] . Both of these toughening mechanisms are initiated by the presence of a welldispersed second phase of rubber particles. The use of a phase-separating rubber is often preferred over preformed CSR particles, as the CSR particles can be prone to agglomeration. However, it is difficult to precisely control the final particle size of the phaseseparated rubber particles, as it is governed by the balance between the reaction rate of the phase-separation process and the crosslinking process of the epoxy resin. Additionally the glass transition temperature, T g , of the epoxy polymer can be significantly reduced if any of the added rubber does not phase-separate, thereby effectively plasticising the epoxy [23] . In contrast, the T g of the epoxy polymer is unaffected by the presence of the preformed CSR particles [18] . However, while the addition of rubber particles to epoxy polymers may dramatically increase their toughness, it does result in a reduction in the Young's modulus and yield strength of the epoxy due to the relatively low modulus and strength of the rubber [19] .
The incorporation of rigid inorganic nanoparticles has also been found to improve the fracture properties of relatively brittle polymers such as epoxies. These relatively high modulus and stiff particles also result in an increase in both the strength and modulus of the modified epoxy polymer. Particular effort has focused on the toughening effects of glass [24] [25] [26] [27] and silica [28] [29] [30] . A number of toughening mechanisms have been reported in the literature including crack pinning [31] and crack-path deflection [32, 33] in the case of micron-sized glass beads. The toughening mechanisms in silica nanoparticle-modified epoxies were found [8, 23, 34, 35] to be similar to the mechanisms observed in rubber-toughened epoxies, namely localised plastic shear-band yielding was initiated by the stress concentration acting around the periphery of the silica-nanoparticle and plastic void growth occurred in the epoxy polymer around those silica nanoparticles that had debonded [34, 35] . However, it has been noted experimentally that not all of the silica nanoparticles debonded from the matrix to initiate such plastic void growth of the epoxy [35] . Consequently, silica nanoparticles are generally not as effective at toughening an epoxy polymer as rubber particles.
The present work investigates the effect of incorporating both silica nanoparticles and CSR nanoparticles on the mechanical and fracture properties of an anhydride-cured epoxy polymer. The mechanical and fracture properties are measured both in the bulk polymer and also, for the first time, when such modified epoxy polymers are used as the matrices for carbon fibre polymer (CFRP) reinforced composites. The properties at low temperatures are also measured and the transferability of toughness from the bulk polymers to the CFRP composites is discussed, with an emphasis on elucidating the toughening mechanisms.
Materials and methods

Resins and nanomodifiers
A standard diglycidylether of bis-phenol A (DGEBA) epoxy resin was used as the basis for all the materials investigated in the current work: 'LY556' from Huntsman, UK, with an epoxide equivalent weight (EEW) of 185 g/eq. An anhydride curing agent, accelerated methylhexahydrophthalic acid, (Albidur HE600) with an anhydride equivalent weight (AEW) of 169 g/eq from Evonik Hanse, Germany, was used. The base resin formulation was further altered by the replacement of 25 wt% of the DGEBA resin with a reactive diluent, (1,6-hexanediol diglycidylether, DER 734, EEW = 160 g/eq) from Dow Chemical Co., Germany. In these epoxy polymers, which contained reactive diluent, the stoichiometric ratios were adjusted to account for the presence of the reactive diluent. The primary role of the reactive diluent is to reduce the viscosity of the resin mixture to allow for easier materials processing. The silica nanoparticles were obtained predispersed at 40 wt% in DGEBA, (Nanopox F400, Evonik Hanse). The silica nanoparticles used in the current work have a mean diameter of 20 nm. The CSR particles were also predispersed in DGEBA at 40 wt%. The CSR particles consisted of a polysiloxane core with a glass transition temperature of approximately -100°C. The shell of the particles consisted of a very thin skin of epoxy-functional molecules grafted onto the core [18, 36] . The CSR particles have a lognormal distribution with a mean particle diameter of 160 nm and a standard deviation of ±80 nm. The density of the silica nanoparticles was calculated as 1800 kg/m 3 while that of the CSR nanoparticles was 990 kg/m 3 .
The DGEBA epoxy resin was mixed with the epoxy containing the silica nanoparticles and/or the epoxy containing the CSR particles and/or the reactive diluent. These constituents were thoroughly mixed and degassed in a vacuum oven at a temperature of 60°C. A stoichiometric amount of the curing agent was then added, mixed and degassed. The resin mixture was then poured into a pre-heated picture frame steel mould coated with a release agent (Frekote 700-NC, Henkel, UK), to produce plates from which bulk specimen test samples could be machined. The plates were cured at 90°C for 1 h, followed by a 2 h post-cure at 160°C.
Composite laminates
The carbon fibre-reinforced plastic (CFRP) composite laminates were manufactured using the nanoparticlemodified epoxy polymers described in ''Resins and nanomodifiers'' section as the matrix materials. Ten layers of biaxial textile fabric (Toray T700Sc 50C) provided by Saertex GmbH, Germany, were laid up in a ±45°configuration on a flat vacuum-assisted resin-infusion tool which could be heated, and sealed using a vacuum bag. The carbon fibre mat was then infused over a period of 8 min and subsequently cured under vacuum for a further 7 h at 110°C. The cured laminate was then subjected to a post-cure at atmospheric pressure for 13 h at 120°C and 2 h at 160°C. It should noted that although somewhat different cure cycles were needed to satisfactorily manufacture the bulk and the CFRP composite specimens, the glass transition temperature, T g , of the epoxy polymer in all cases was not significantly different in the two types of specimens. Indeed, the T g of the bulk polymer was measured via dynamic mechanical analysis and compared to that obtained for the epoxy matrix in the CFRP laminates. In all cases, the T g was measured to be 127 ± 1°C.
Mechanical properties
Tensile tests were conducted on both the unmodified and nano-modified epoxy polymers to determine the tensile modulus in accordance with ISO 527 [37] . Dumbbell specimens with a gauge length of 30 mm were machined directly from the cast plates, which were 3 mm in thickness. A displacement rate ofwhere r E is the engineering stress, t c is the thickness of the compressed specimen and t is the original specimen thickness. At 20°C, two replicate tests were conducted for each material, while at -80°C, only one test was conducted due to the difficulties associated with testing at such a low temperature. Additionally, the ultimate failure of the samples at low temperature was not recorded, as the load required to fail the specimens exceeded the capacity of the available load cell.
Mode-I bulk fracture energy: single-edge notch bend (SENB) tests
Single-edge-notched bending (SENB) tests in threepoint bend configuration were conducted to determine the plane-strain fracture toughness, K Ic (bulk), and fracture energy, G Ic (bulk), in accordance with ISO-13586 [39] . Test specimens of dimensions 60 9 12 9 6 mm 3 were machined from the cast plates which were 6 mm in thickness. These specimens were pre-notched to a depth of 4 mm before subsequent tapping a sharp precrack to a depth of *6 mm using a liquid nitrogen chilled razor blade. The length of this precrack was determined post-mortem using a stereo-optical microscope. Testing was conducted in a screw-driven universal testing machine at a constant crosshead displacement rate of 1 mm/ min. The fracture toughness is calculated via:
where P is the load at failure, b and w are the sample thickness and width respectively and f(a) is a fitting function [39] . The fracture energy, G Ic (bulk), was calculated using the relationship:
where E t is the tensile modulus of the polymer determined from the tensile tests and m is the Poisson's ratio, which was taken to be 0.35 [18] . At least eight replicate specimens were tested for each bulk formulation at the two test temperatures.
Mode-I interlaminar fracture energy: double cantilever beam (DCB) tests
Fracture toughness tests of the CFRP composites were conducted using DCB specimens in accordance with ISO-15024 [40] . 
where P is the load, d is the displacement, a the crack length and b is the width of the specimen. The terms F and N are correction factors for large displacements and the presence of the load blocks, respectively. Finally, the term D is the correction factor to account for the fact that the DCB beam is not perfectly builtin.
The tests were conducted at a constant crosshead displacement rate of 5 mm/min using a screw-driven tensile testing machine. The loads and displacements were recorded, and the crack lengths monitored using a travelling microscope. At least five replicate specimens were tested for each formulation of composite matrix at the two test temperatures. An Rcurve was observed from the measured data, i.e. the value of the interlaminar fracture energy increased as the crack steadily propagated through the CFRP DCB test: from value for the onset, or initiation, of crack growth until an upper limit, steady-state value of the interlaminar fracture energy for crack propagation was attained. Thus, an initiation value, G Ic,init (comp), for the onset of crack growth and a value for steadystate propagation, G Ic,prop (comp), could be defined, as described in ISO-15024 [40] . (The value of G Ic,init (comp) was taken at the onset of nonlinearity of the load versus displacement curve during the first initial loading step, as defined in ISO-15024 [40] .)
Imaging studies
Atomic force microscopy (AFM) was conducted to identify the microstructure of the samples. Microscopically smooth samples were prepared using a PowerTome XL cryo-microtome. The samples were prepared in a liquid nitrogen bath at -100°C to prevent smearing of the rubber particles. The surfaces were then scanned in tapping mode using a silicon probe at a scan rate of 1 Hz using a Bruker Multimode AFM. Both height and phase images were obtained during each scan.
A field-emission gun scanning-electron microscope (FEG-SEM) was used to obtain high-resolution images of the fracture surfaces of both the SENB and DCB samples. An accelerating voltage of between 3 and 5 kV was applied. The samples were sputter coated with a 5 nm layer of gold-palladium, prior to examination, to prevent charging of the material.
Results and discussion
Particle dispersion Figure 1 presents typical atomic force microscopy (AFM) micrographs of the bulk polymer nanocomposites investigated. It is shown that there is a good dispersion of both the silica nanoparticles, Fig. 1a , and the CSR nanoparticles when used as the sole nano-modifying agent, see Fig. 1b . Moreover, a good mutual dispersion of both silica and CSR nanoparticles was observed when a hybrid polymer, i.e. containing both types of nanoparticles together, was considered, Fig. 1c .
Tensile modulus
The tensile moduli of the epoxy polymers modified with either silica nanoparticles or CSR particles tested at both 20 and -80°C are given in Fig. 2 . It should be noted that the measured values of the moduli do not differ significantly for the two test temperatures. A tensile modulus of 2.93 ± 0.12 GPa was measured for the unmodified epoxy polymer at 20°C, while at -80°C, the tensile modulus was determined to be 3.04 ± 0.02 GPa. In all cases, the modulus decreased approximately linearly with increasing CSR content, while an increase was observed with increasing silica nanoparticle content.
Compressive properties
The mean room temperature values of the true compressive yield stress, r yc , true compressive failure stress, r fc , and true compressive failure strain, c f , are given in Table 1 . The addition of CSR particles reduces the value of the compressive yield stress. This is expected due to the softness of the polysiloxane rubber compared with the epoxy polymer. However, the compressive yield stress of the epoxy polymer was unaffected by the addition of silica nanoparticles. This behaviour is unusual as the addition of a hard nanoparticle would typically result in an increase in the measured yield stress. However, a similar behaviour has been reported by both Liang and Pearson [34] and Zhang et al. [41] , and this behaviour has previously been suggested by the current authors [36] to be due to the formation of a relatively soft interphase region around the silica nanoparticles. The addition of CSR particles to the epoxy polymers tended to suppress the amount of strain-softening post-yield, while the addition of silica nanoparticles was not observed to significantly affect the post-yield strain-softening behaviour. Huang and Kinloch [21, 22] have explained that the presence of the CSR particles suppresses the formation of macroscopic shear bands by promoting localised plastic shear-banding between the particles. These localised shear bands then merge to give a diffuse deformation zone and no macroscopic strain softening is observed in the stress-strain curve.
At the lower test temperature of -80°C, the epoxy polymers became much more difficult to deform plastically. The compressive yield stress increased from 94 MPa at 20°C to 164 MPa for the epoxy polymers tested at the lower temperature of -80°C. At this lower test temperature, there is no longer a well-defined upper yield point or a post-yield strainsoftening zone. Plots of representative true stress versus true strain curves of the unmodified epoxy polymer at the two test temperatures are given in Fig. 3 . It should be noted that the 20°C tests were conducted until ultimate failure of the materials, while the -80°C tests were conducted up to the load limit of the test machine. The loss of a distinct strainsoftening region at the lower test temperature can be clearly observed. While the current work was unable to determine the failure strain of the materials at -80°C, work on a similar epoxy polymer by Chen et al. [18] reported a slight increase, of approximately 15-20 %, in the measured failure strain at such relatively low test temperatures.
A number of phenomenological and semi-empirical models have been proposed to predict the strength of particle-reinforced composites as reviewed in an excellent paper by Fu et al. [42] . This review concentrated on models where all, or almost all, of the parameters involved could be experimentally determined. However, these models for predicting the strength have not been as successful as those proposed to predict the value of the modulus [36] . Indeed, many of the strength-prediction models predict only a reduction in the yield strength of the composite with the addition of particles. In the case of a thermoset polymer modified with rubber particles, a weakening effect is always b Figure 1 a 4 wt% silica, 0 wt% CSR. b 0 wt% silica, 8 wt% CSR. c 8 wt% silica, 8 wt% CSR. AFM images of the microstructure of the bulk epoxy polymers modified with silica and CSR nanoparticles. The silica nanoparticles are indicated as the small yellow spots, while the CSR nanoparticles can be observed as much larger darkened circles. Figure 2 Experimentally measured tensile modulus, E t , of the bulk epoxy polymers at 20°C and at -80°C. observed as the rubber particles are more compliant and weaker than the thermoset matrix, and therefore contribute less to the load-carrying capacity of the composite as well as providing a stress concentration due to the elastic mismatch between the particle and the surrounding epoxy polymer. For polymers modified with hard particles, the increased stiffness of the particles means that they make a greater contribution to the load-carrying capacity of the particlereinforced composite, thus reinforcing the composite. However, the stress concentration effect due to the presence of the particles still serves to weaken the material. Thus, the efficiency of stress transfer between the particles and the polymer becomes important to determine the dominant effect of the particles on the properties of the composite. Pukanszky et al. [43, 44] have proposed a semi-empirical relationship for predicting the strength of composite materials, which purports to take into account the interfacial bonding between the nanoparticles and the polymer:
where r c and r m are the strength of the modified and unmodified polymer respectively, v p is the volume fraction of particles and b is an empirical constant related to the level of interfacial bonding between the particles and the polymer. Note that Eq. 6 can be used to predict the yield strength by replacing r c and r m with r yc and r ym . Figure 4 plots the normalised particulate composite yield strength, r yc /r ym , at room temperature as a function of the volume fraction, v f , of particles for various values of the empirical parameter b. For poor interfacial bonding, the particles do not carry any load, so b = 0 and the filler particles act as voids. It can be seen that as the value of b increases, so does the yield strength of the particle-reinforced material. More particularly, for values of b \ 3.3 the particle-polymer interaction is weak and no reinforcing effect is observed with the addition of particles, while for values of b [ 3.3, the yield strength is improved compared with the unmodified polymer. It should be noted that a direct comparison of the level of interfacial bonding between the CSR and silica nanoparticles cannot be made. This is because the value of the empirical parameter b is not decoupled from the elastic properties of the particles, and hence the low value of b measured for the CSR-modified epoxies is a reflection of the relative softness of those particles compared with the epoxy polymer. While the value of the empirical parameter b gives a comparative indication of the level of bonding between the particle and the polymer, and is a useful tool to ascertain whether a specific surface treatment of the particle is effective at increasing or decreasing the interfacial bond, it does not provide any insight as to the nature of that adhesion nor any quantification of that adhesion. Finally, a detailed interrogation of Table 1 shows that the yield strength of the hybrid epoxy polymers, i.e. those modified with both silica and CSR nanoparticles, is dominated by the behaviour of the rubber particles. This is expected as the strength of a composite is determined by the weakest link within a microstructure rather than a statistically averaged value over the microstructure, as is the case with the modulus properties.
Fracture properties
The bulk epoxy polymers
The mean values of the fracture energy, G Ic (bulk), for the unmodified and modified bulk epoxy polymers that were measured at both 20 and -80°C are summarised in Table 2 . The standard deviations are also given.
At room temperature, the fracture energy of the unmodified bulk epoxy polymer was 173 ± 33 J/m 2 .
This increased to a value of 1237 J/m 2 with the addition of 16 wt% of CSR nanoparticles to the bulk epoxy polymer. The measured fracture energy increased steadily with increasing CSR content. The measured fracture energy of the unmodified epoxy polymer drops slightly at the lower test temperature of -80°C, compared with the value at 20°C. Nevertheless, it can be seen that the addition of solely CSR nanoparticles can still significantly toughen the epoxy polymer at -80°C, although the toughening increase observed is very much reduced when compared with the corresponding 20°C values. For example, a fracture energy of 469 ± 60 J/m 2 was measured at -80°C for the epoxy polymer modified with 16 wt% of CSR nanoparticles, while a value of 1237 ± 118 J/m 2 was measured at 20°C for the same formulation. However, for the -80°C tests this still represents a threefold increase in toughness compared with the unmodified epoxy polymer, demonstrating that the incorporation of these CSR nanoparticles is an effective means of toughening brittle epoxy polymers even at relatively low temperatures. The reduced toughness at -80°C for the epoxy polymers modified with CSR nanoparticles is primarily due to the increase in the yield stress of the epoxy. However, the stiffness of the polysiloxane CSR nanoparticles increases at low temperatures, thus increasing the cavitational resistance of the particles. While rubber elasticity predicts an increase in elastic modulus due to entropic effects, it is important to note that this is only true for temperatures significantly above the crystallisation temperature [45] . Rey et al. [45] have pointed out that this is approximately -60°C for the polysiloxane found in the CSR particles in the current work. This increase in the cavitational resistance of the particles limits the dissipation of energy via the plastic void growth mechanism, although computational studies by Guild et al. [46] have demonstrated that rubber particles cavitating at higher strains cause a far more complex shear-band dissipation mechanism and this can offset the loss of effectiveness of the void growth mechanisms. Finally, the increased resistance to plastic deformation of the matrix at the lower temperature limits the dissipation of energy via plastic deformation of the epoxy polymer. The toughening effect of adding solely silica nanoparticles at a test temperature of 20°C is much more limited, compared with adding CSR nanoparticles. The addition of 16 wt% of silica nanoparticles to the unmodified epoxy polymer only resulted in a marginal increase in the measured fracture energy, from 173 ± 33 to 257 ± 42 J/m 2 . It has been demonstrated previously that, for these formulations of bulk epoxy polymers, this relatively small increase is caused by a suppression of the typical toughening mechanisms of localised plastic shear-band yielding and plastic void growth of the epoxy polymer following debonding of the silica nanoparticles [36] . This has been suggested to be due to the presence of the reactive diluent in the epoxy resin formulation in the present work, which was shown to have the ability to form a soft interphase region around the silica nanoparticles [36] . It is very noteworthy that the toughening effect of the silica nanoparticles appears to be enhanced at the lower test temperature. For example, at -80°C, a fracture energy of 342 ± 74 J/ m 2 was measured for the epoxy polymer containing 16 wt% of silica nanoparticles, which is some 85 J/m 2 greater than the fracture energy of the corresponding formulation measured at 20°C. It seems likely that the toughening mechanisms suppressed at 20°C are reactivated at -80°C, as is discussed in detail below. The subsequent addition of silica nanoparticles to epoxy polymers already containing CSR nanoparticles (i.e. to form a 'hybrid' epoxy polymer) produced only modest increases in the measured fracture energies at 20 and -80°C, compared with the addition of solely the CSR nanoparticles. Nevertheless, from the results shown in Table 2 , and as discussed in detail in [36] , some synergistic effects can still be noted at 20°C.
To further investigate the effect of test temperature on the bulk epoxy polymers, it is instructive to plot the measured fracture energies at the two test temperatures against each other. This is shown in Fig. 5 . A number of points arise from a detailed inspection of these results. Firstly, the ratio of G Ic,LT (bulk)/ G Ic,RT (bulk) at the relatively low temperature (LT) compared to room temperature (RT) for all the epoxy polymers containing CSR nanoparticles reduces as the value of the measured fracture energy increases. Secondly, the effectiveness of toughening solely from the addition of silica nanoparticles gives a greater than unity value for the ratio of G Ic,LT (bulk)/G Ic,RT (bulk), and this ratio is statistically independent of the concentration of the silica nanoparticles up to 16 wt%. Finally, the effects of adding silica nanoparticles to an epoxy polymer already containing CSR nanoparticles, to form the hybrid-modified material, can be readily observed. The hybrid-modified bulk epoxy polymers are considerably tougher at 20°C than the corresponding polymers modified solely with CSR nanoparticles, while the effects on the toughness due to hybridisation of the CSR-modified polymers at -80°C are relatively small. Indeed, the ratio G Ic,LT (bulk)/G Ic,RT (bulk) for the hybrid-modified epoxy polymers is less than unity, being about 0.5; and the value of this ratio appears to be governed by the presence of the CSR nanoparticles rather than by the silica nanoparticles.
Fractographic studies: bulk polymers
The fracture surface of the unmodified bulk epoxy polymer appeared smooth and glassy, with river lines consisting of a series of steps generally aligned in the direction of crack propagation evident from the crack initiation point [47] . Such a fracture surface is typical of a brittle thermoset [48] . No observable differences in the appearance of the fracture surfaces were detected between the two test temperatures.
The fracture surface of a typical epoxy polymer modified solely with 16 wt% of CSR nanoparticles and tested at room temperature is given in Fig. 6a . These micrographs show ridges due to crack tilting and river lines being formed during fracture [47] . Such features are typical of a mode-I (tensile) fracture. Cavitated CSR nanoparticles are easily identifiable as the circular features in the SEM images of the fracture surfaces and the voids formed from the cavitation process are well-dispersed throughout the material. The mean diameter of the voids is significantly larger than the mean diameter of the CSR particles, indicating that plastic void growth of the epoxy polymer has indeed taken place. An electron micrograph of the fracture surface of the corresponding epoxy polymer containing 16 wt% of CSR nanoparticles when tested at -80°C is given in Fig. 6b . There is much similarity between the two fracture surfaces. In both cases, all of the CSR nanoparticles are observed to have cavitated, followed by subsequent plastic void growth of the surrounding epoxy polymer, and this toughening mechanism creates the voids that may be observed. Some subtle differences at -80°C, compared with the tests at 20°C, are that the size and extent of the ridges due to crack tilting observed is much reduced, and the mean void size is actually slightly greater than at 20°C. However, this is not necessarily indicative of a greater extent of energy plastic dissipation via the plastic void growth toughening mechanism, as the higher yield stress at -80°C naturally leads to a much smaller plastic zone size. The mean diameter of a CSR void was found to be between 5 and 20 % greater at -80°C than at 20°C.
Typical fracture surfaces of the bulk epoxy polymers modified solely with silica nanoparticles (at 16 wt%) which were fractured at 20 and -80°C are given in Fig. 7 . Again, there is much similarity between the fracture surfaces at the two test temperatures. The fracture surfaces are both brittle in appearance with river lines evident. It should be noted that the fracture surfaces are much rougher than those of the unmodified epoxy polymer, which will also contribute somewhat to the observed increases in toughness for these materials due to the greater area of surface created [32] . The silica nanoparticles are identifiable as the bright spots in each image. No debonding of the silica nanoparticles was observed at either test temperature.
The CFRP composite materials
The measured values of the mean mode-I initiation, G Ic,init (comp), and propagation, G Ic,prop (comp), interlaminar fracture energies at both test temperatures are given in Table 2 . The error bars represent the standard deviation. The benefits of nano-modification of the composite matrices can be clearly observed, as the CFRP composites with the modified epoxy polymer matrices generally exhibit significantly higher values of both the initiation, G Ic,init (-comp) , and the steady-state propagation, G Ic,prop (comp), interlaminar fracture energies, although the absolute values of the latter propagation values are dominated by fibre-induced toughening mechanisms, as discussed in detail below.
It is clearly shown in Table 2 that the values of the initiation values of the interlaminar fracture energy for the composites are similar, although not exactly equivalent, to the values of the fracture energy of the bulk epoxy polymers. Thus, the value of the initiation interlaminar fracture energy has virtually no contributions from fibre-induced toughening mechanisms. Now, the propagation interlaminar fracture energy, G Ic,prop (comp), for a modified composite material is the sum of the contributions from both the toughening effects present in the modified epoxy polymer matrix and the toughening mechanisms associated with the fibres. Assuming that the fibre-induced toughening mechanisms are independent of the type of matrix employed, the measured propagation interlaminar fracture energy of the composite laminates can thus be written as:
where the subscripts 'u' and 'm' represent the unmodified and modified composite laminates, respectively. The results calculated via Eq. 7 are given in Table 3 . It is clearly shown that, by comparison with the experimentally measured data in Table 2 , there is a relatively good agreement between the experimental results and the predictions from Eq. 7, especially at 20°C. These results demonstrate very clearly that the higher values of toughness measured for the composite laminates with nanomodified matrices do indeed come from the nanomodification of the matrix employed. Figure 8 compares the measured interlaminar fracture energies at -80 and 20°C. The values for the initiation fracture energies are given in Fig. 8a , while the steady-state propagation energies are given in Fig. 8b . The trends are broadly similar to those presented for the bulk epoxy polymers in Fig. 5 , but the error bars associated with the propagation interlaminar fracture energy measurements are significantly higher than for the fracture energies of the bulk polymers which are presented in Fig. 5 . To highlight the main differences between the results shown in Figs. 5, 8a, b, then, firstly, the silica nanoparticles are more effective at toughening the composite laminate at -80°C (i.e. subscript 'LT') than at 20°C (i.e. subscript 'RT'). Secondly, the values of the propagation interlaminar fracture energies in Fig. 8b of the composite laminates at -80°C are not statistically dependent upon the type and amount of nanoparticles added to the matrix. Thirdly, while an increase in CSR content, up to 8 wt%, led to an increase in measured fracture energy for the bulk polymers in Fig. 5 , the measured initiation fracture energy shown in Fig. 8a does not behave similarly. Regardless, the composites containing 8 wt% silica nanoparticles perform best at -80°C, with a measured initiation The ' % difference' represents the difference between the predictions from Eq. 7 shown in Table 3 and the measured values given in Table 2 fracture toughness greater than that at measured at room 20°C. Finally, the ratio of the values of toughness, G Ic,prop,LT (comp)/G Ic,prop,RT (comp), for the composites containing the CSR nanoparticles is approximately 0.75, which is higher than that observed for the bulk epoxy polymers where the ratio was about 0.5. This observation arises from the dominance of the fibre-toughening mechanisms, compared with the toughening mechanisms associated with the nanoparticles in the epoxy polymer matrix.
Fractographic studies: fibre composite materials Scarping of the interstitial matrix between the fibres is clearly evident at both test temperatures, although it is more pronounced at 20°C. The fibre-toughening mechanisms can be identified as single-fibre debonding and peeling as well as breaking of large fibre bundles. It should be noted that a mixture of these mechanisms was identified for each test specimen and there appeared to be no clear preference for one fibre-toughening mechanism over another at either test temperature. Typical micrographs of the fracture surfaces of the CFRP laminates containing a silica-nanoparticlemodified matrix and fractured at room temperature are presented in Fig. 10 . It can be observed that there are some notable differences in the fracture surfaces between the addition of 4 wt% (a, b and c) and the addition of 8 wt% (d, e and f). In the case of the composite laminate modified with 4 wt% of silica nanoparticles, the matrix interstitial to the fibres remains generally well bonded to the fibres (Fig. 10a) and the fibres are observed to peel-off in bundles, see Fig. 10b , c. This is a very effective fibre-related toughening mechanism and indicates that the crack propagation path is switching between plies. However, in the case of the laminate modified with 8 wt% of silica nanoparticles, there is no evidence of fibrebundle peeling. Instead, individual fibre defibrillation is observed, see Fig. 10d . In both cases the level of fibre-bundle bridging and fibre bridging observed on the fracture surfaces is consistent with the observations of fibre bridging during testing. The extent to which both fibre bridging and fibre-bundle bridging dominates the fracture process can be clearly observed by the side-view photograph of a DCB specimen taken during the test as shown in Fig. 11 . Although Fig. 11 presents an extreme case, as it demonstrates fibre-bundle bridging as well as fibre bridging, spanning 8 mm across the cracked faces, fibre bridging was routinely observed to span 4 mm across the cracked faces. The fracture surfaces are characterised by the presence of some large matrixrich regions, see Fig. 10e , and there is some evidence of fibre breaking, which again is a very effective fibrerelated toughening mechanism. In both cases, the fibres are relatively clean, indicating that the fibrematrix adhesion is relatively poor. Figure 12 presents typical fracture surfaces of the CFRP laminates containing 8 wt% of CSR nanoparticles in the epoxy polymer matrix (see a, b, c) and a hybrid-modified epoxy polymer containing 8 wt% of CSR nanoparticles and 8 wt% of silica nanoparticles (see d, e, f). The fracture surfaces are similar to those presented in Figs. 9, 10, and evidence of fibre peeling and fibre fracture can be observed. Cavitation of the rubber nanoparticles is also clearly observed in the matrix between the fibres, see Fig. 12a, d . However, in some cases the distance between the fibres can be very small, see Fig. 12d , and this will limit the effectiveness of the toughening mechanisms which involve plastic deformation of the epoxy polymer matrix.
Toughening mechanisms
Huang and Kinloch [21, 22] and later Hsieh et al. [14] have demonstrated that the principal toughening mechanisms in silica-nanoparticle and rubber-particle-modified polymers are (a) localised plastic shearbanding and (b) debonding/cavitation of the particles which enables subsequent plastic void growth of the surrounding epoxy polymer. This model has been demonstrated in a recent paper, via using a Bayesian statistical analysis, to be the most accurate model for predicting the toughness of toughened polymers [49] that these workers examined. Thus, the role of the particles is to initiate these two main toughening mechanisms. The fracture energy of such a modified polymer, G Ic (bulk), can be expressed as the sum of the fracture energy of the unmodified polymer, G CU , plus the contributions from the toughening mechanisms, w:
with:
where the terms on the right-hand side of Eq. 9 represent the fracture energy contributions from localised shear-banding (s) and plastic void growth (v), respectively. (The energy associated with debonding/cavitation of the particles is negligible and can be ignored [18] .) The contribution from shear-band yielding between the particles can be expressed as
where V p is the volume fraction of particles present, r yc is the compressive yield stress, c f is the true fracture strain of the unmodified polymer (and both these terms may be determined from the plane-strain compression test), and F 0 (r y ) is a polynomial function which depends upon the particle radius, r p , the volume fraction of particles, V p , and the plastic zone radius r y , of the modified epoxy polymer [14] . The value of r y can be calculated from
where K vm is the maximum stress concentration factor around the periphery of the particle, or the void (as appropriate), in the polymer as calculated by Huang and Kinloch [22] and Guild and Young [50, 51] , l m is the pressure-sensitivity coefficient of the polymer and r yu is the Irwin prediction of the plastic zone size under plane-strain conditions. It is important to note that the stress concentrations around the peripheries of the particles and, or, voids depend upon whether the particle is rigid, i.e. silica nanoparticles, or soft, i.e. CSR nanoparticles and voids. Nevertheless, shear bands between both rigid and soft particles have been observed experimentally [6] and serve to toughen the polymer independently of whether the particles debond or cavitate [4, 5, 34, 52] . The contribution of plastic void growth to the toughening, DG v , is given as:
where (V v -V p ) is the volume fraction of voids observed on the fracture surface minus the volume fraction of particles observed via AFM [36] , and all the other terms have been described above. It is also possible to calculate the term (V v -V p ) without resorting to tedious measurements from the fracture surface. This approach assumes that the voids grow until the hoop strain in the void reaches the failure strain of the polymer. This approach has been successfully applied previously, providing an upper limit to the toughenability of the epoxy polymer [36] , and the hoop strain approach is appropriate to use when high-quality SEM images of the fracture surface are not available. In the current work, the diameters of the voids formed by the CSR particles were measured directly from the SEM micrographs.
All parameters for the model have been measured at both test temperatures, with the exception of the failure strain, c f , at -80°C. The values are given in Tables 1 and 2 , and are further detailed in [36] . An estimate of c f at -80°C was made by assuming a similar increase in c f at -80°C as that observed by Chen et al. [18] . A value of c f = 1.05 was used in the model calculations at -80°C. This estimate is further supported by the observation that the void growth in the CSR-modified polymers was slightly greater at -80°C than at 20°C. In the case of polymers modified with silica nanoparticles, no debonding of the nanoparticles was observed from the SEM images, see Fig. 6a , b. Therefore, the only contribution to toughening by the silica nanoparticles is that of localised shear-band yielding. In the case of polymers modified with CSR nanoparticles the presence of voids on the fracture surface indicated that plastic void growth had indeed taken place. Table 4 presents the predicted values of DG at both test temperatures for the bulk epoxy polymers modified with both the silica and CSR nanoparticles, and compares these values with the experimentally measured values of DG. It can be seen that the predictions for the bulk epoxy polymers modified with the CSR nanoparticles are in reasonable agreement with the measured values at both test temperatures. Indeed, the modelling results confirm that the toughening mechanisms identified above can indeed account for the significant increases seen in the toughness of the bulk epoxy polymers by the addition of the CSR nanoparticles. On the other hand, for the epoxy polymers modified with the silica nanoparticles, the model is in relatively poor agreement with the measured values of the toughness increases seen when such silica nanoparticles are present. The model over-predicts the extent of toughening expected at room temperature for the bulk epoxy polymers modified with silica nanoparticles, while a significant under-prediction is observed at -80°C.
The toughening contributions from the silica nanoparticles and CSR nanoparticles in the hybrid epoxy polymers can be calculated by considering, in turn, the individual contributions of each mechanism, and expanding Eq. 8, to give:
where the superscripts denote the particle type responsible for the toughening. Clearly such an approach does not appear to account for interactions between the two types of particles and possible synergies. However, the terms in the equation are calculated from experimentally measured data, such as void size, and therefore any interactions between the toughening mechanisms are implicitly contained within those measurements. Table 5 presents a comparison of the model predictions from the Huang-Kinloch model with the measured experimental data for the hybrid epoxy polymers at both test temperatures. It can be clearly observed that the majority of the toughening of the polymers comes from the presence of the CSR nanoparticles. The model tends to somewhat under predict the toughening at 20°C, while excellent agreement between the experimental data and the Huang-Kinloch model predictions is observed at -80°C.
The Huang-Kinloch model presented in ''Compressive properties'' section has been recently extended to include the contribution of fibre-based toughening mechanisms for fibre composites [53] . Namely: where DG f represents the toughening contribution from the fibres arising from fibre pull-out from the matrix, fibre bridging and fibre fracture. Ye and Friedrich [54, 55] have provided a simple model to calculate this contribution based on some experimentally measured parameters:
where r f is the radius of the fibres, l f p and n f p are the mean pull-out length of a fibre and the number of pulled-out fibres per unit area respectively, and l f b and n f b , are the mean fractured length of a fibre and the number of fractured fibres per unit area. The terms r tf and e ff are the fracture strength and fracture strain of the fibres. The term G m represents the fracture of the matrix. This, although close to, is not exactly equivalent to the fracture energy of the bulk matrix, G Ic (bulk), in Eq. 12, but is dependent on the fibre volume fraction and hence the thickness of the matrix layer between adjacent fibres, or plies. The terms l f p , n f p , l f b and n f b are extremely difficult to measure with any degree of accuracy from the fracture surfaces of the failed composite specimens. For example, there is a wide variation in these values at different points of the fracture surface. This gives rise to the relatively large standard deviations associated with the measurement of the fracture energy of the composites. Indeed, Ye and Friedrich [54, 55] gave no indication when first presenting this model that they had actually undertaken these measurements. Rather they discussed how the value of DG f increased from zero at crack initiation up to a plateau region as the products l f p n f p and l f n f b attained their equilibrium values, thus providing a physical interpretation of the R-curve behaviour. Now, there are not large observable differences in the appearance of the fibres from the SEM images of the fracture surfaces of the composite laminates, which are presented in Figs. 9, 10 and 12. The difference in length scale between these images should be taken into account when comparing these images. This is due to the order of magnitude difference in the length scales of the silica nanoparticles and the CSR particles. For example, the fibres all appear to be relatively clean, indicating poor adhesion between the carbon fibres and the epoxy polymer matrix. Therefore, the presence of silica nanoparticles and/or CSR nanoparticles should not significantly affect the fibre-related toughening mechanisms (e.g. fibre debonding, fibre pull-out and fibre bridging) and, hence, the value of DG f in Eq. 15. This observation acts to confirm that the improvements in the value of G Ic,prop (comp) for the composite laminates with nanomodified matrices detailed in Table 2 are therefore as a result of the improvement in G Ic (bulk) via the addition of the nanoparticles. This aspect is discussed in more detail below.
Comparison of the toughnesses of the bulk epoxy polymer and the corresponding CFRP composite
In Fig. 13 , the measured fracture energies of the bulk epoxy polymers versus the measured initiation interlaminar fracture energies of the CFRP composites are plotted for both test temperatures. The general excellent 1:1 correlation between the data at -80°C in Fig. 13b is striking. In contrast at 20°C, see Fig. 13a , only for the three modified epoxy polymers with the lowest values of G Ic,RT (bulk) is a good 1:1 correlation observed. It is of interest to note that the value of G Ic (bulk) beyond which the 1:1 correlation is not seen is about 500 J/m 2 , and this effect is likely to arise from the toughening mechanisms operating at the crack tip in the epoxy polymer matrix (induced by the presence of the nanoparticles) being restricted by the presence of the nearby fibres in the CFRP composites. Up to this point where the fibres would restrict the development of the crack tip plastic zone, it is not surprising to find such a basic linear dependence between G Ic,init (comp) and G Ic (bulk) exists, since the toughness at crack initiation in the composite laminates is dependent on the matrix toughness, as no significant fibre-toughening effects have yet had a chance to develop. This effect of the fibres in a composite restricting the development of crack tip plasticity in the matrix between the fibres, and the transition from a 1:1 relationship between G Ic (comp) and G Ic (bulk) below 500 J/m 2 to a shallower gradient above 500 J/m 2 has been previously reported by Hunston et al. [56] and subsequent work by Bradley [57] amongst others. In Fig. 14 , the measured fracture energies of the bulk epoxy polymers versus the measured propagation interlaminar fracture energies of the CFRP composites are plotted for tests undertaken at both 20 and -80°C. Several interesting observations may be made from these results. The first observation is that J Mater Sci (2017) 52:1767-1788 the steady-state propagation interlaminar fracture energies, G Ic,prop (comp) of the CFRP composites are far greater in value than the values of toughness, G Ic (bulk), of the corresponding bulk epoxy polymers at both test temperatures. This arises, of course, from the very significant additional toughening mechanisms of fibre debonding, fibre pull-out and fibre bridging which develop as the interlaminar crack propagates through the CFRP composites. Secondly, these plots show the efficiency of the transferability of toughness between the bulk epoxy polymers and the CFRP composites based on the corresponding epoxy polymer when used as the matrix material. It can be clearly observed that at 20°C (see Fig. 14a ), in general, any significant increase in the toughness, G Ic,RT (bulk) of the bulk epoxy polymer due to the addition of CSR and/or silica nanoparticles is transferred directly to the corresponding composite material to give an increase in the interlaminar propagation fracture energy, G Ic,prop,RT (comp), although again a 1:1 transfer is not observed when the value of G Ic,RT (bulk) exceeds a value of about 500 J/m 2 . Thus, the important role that may be played by modifications to the epoxy polymer matrix in order to increase the toughness of the composites is again very clearly demonstrated by these results. Finally, at -80°C, the effectiveness of toughening by the inclusion of silica and/or the CSR nanoparticles in the epoxy is inhibited for both the bulk epoxy polymers and the CFRP composites. However, the decrease in the fracture energies at -80°C, compared with 20°C, was greater for the bulk epoxy polymers than for the corresponding CFRP composites. This arises, of course, due to the fibre-toughening mechanisms being less affected at a test temperature of -80°C than the matrix toughening mechanisms. Since the latter involve plastic deformation mechanisms occurring in the epoxy polymer, which are induced via the presence of the silica nanoparticles and/or CSR nanoparticles, and which are inhibited at this relatively low test temperature, as discussed previously.
Conclusions
The structure-property relationships of epoxy polymers modified with silica nanoparticles and/or CSR nanoparticles were investigated. The epoxy polymer was crosslinked using an anhydride curing agent and modified with a reactive diluent. Both the bulk epoxy polymers and CFRP composites, based upon these modified epoxy polymers being used as the matrices for such composites, were studied; and two test temperatures of 20 and -80°C were employed. A number of conclusions may be drawn from the results of this work.
• The addition of either CSR nanoparticles or silica nanoparticles to the bulk epoxy polymer leads to significant toughening of the epoxy polymer at both 20 and -80°C. The silica nanoparticles are more effective at toughening at -80°C than at 20°C, while the CSR nanoparticles are less effective at -80°C.
• The main toughening mechanisms induced by the presence of the nanoparticles in the bulk epoxy polymers were identified from the present work and from considering the previous literature and involved both localised plastic shear-band yielding initiated by the nanoparticles and plastic void growth around cavitated CSR nanoparticles. An analytical model was applied to predict the toughening contributions and, in general, a reasonable agreement was found between the predicted and measured results, as discussed in detail above.
• The initiation interlaminar fracture energies, G Ic,init (comp), of the CFRP composites could be closely correlated to the bulk fracture energies, G Ic (bulk), at both test temperatures.
• The steady-state propagation interlaminar fracture energies, G Ic,prop (comp), of the CFRP composites were far greater in value than the values of the toughness, G Ic (bulk), of the corresponding bulk epoxy polymers. This arose from the very significant additional fibre-induced toughening mechanisms of fibre debonding, fibre pull-out and fibre bridging that occurred during fracture of the CFRP composites.
• Nevertheless, the use of the epoxy polymers toughened with silica nanoparticles and CSR nanoparticles as the matrices for the CFRP composites was demonstrated to significantly enhance the Mode-I interlaminar fracture toughness of the composites at both test temperatures.
• In general, at 20°C, any significant increase in the toughness of the bulk epoxy polymer due to the addition of CSR and/or silica nanoparticles was transferred directly to the corresponding composite material to give an increase in both the initiation interlaminar fracture energy and the steady-state propagation fracture energy of the CFRP composite. However, the increase in toughness of the bulk epoxy polymer was not fully transferred to the corresponding CFRP composite once the bulk toughness exceeded a value of about 500 J/m 2 .
• At -80°C, the values of the interlaminar propagation fracture energies of the composites were increased by the addition of nanoparticles to the epoxy polymer matrix but were statistically independent of the type and amount of nanoparticles added to the matrix.
• Thus, the present experimental and analytical modelling studies have revealed the significant benefits that may be observed from toughening epoxy polymers with silica nanoparticles and CSR nanoparticles, both for use as bulk engineering materials and as the matrices in CFRP composites, at both room temperature and at -80°C. 
